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ABSTRACT: Binary GexS100−x glasses reveal a richness of elastic and
chemical phase transitions driven by network topology. With increasing Ge
content (x), well-defined rigidity at xc(1) = 19.3(5)% and a stress transition at
xc(2) = 24.9(5)% are observed in Raman scattering. In modulated DSC
measurements, the nonreversing enthalpy of relaxation at Tg reveals a square-
well-like minimum (reversibility window) with window walls that coincide
with the two elastic phase transitions. Molar volumes show a trapezoidal-like
minimum (volumetric window) with edges that nearly coincide with the
reversibility window. These optical, thermal, and volumetric results are
consistent with an isostatically rigid elastic phase (intermediate phase, IP)
present between the rigidity (xc(1)) and stress (xc(2)) transitions. Complex Cp
measurements show melt fragility index, m(x) to also show a global minimum
in the reversibility window with m < 20, underscoring that melt dynamics
encode the elastic behavior of the glass formed at Tg. The strong nature of
melts formed in the IP has an important practical consequence; they lead to slow homogenization (over days not hours) of
nonstoichiometric Ge−S batch compositions reacted at high temperatures. Homogenization of chalcogenide melts/glasses over a
scale of a few micrometers is a prerequisite to observe the intrinsic physical properties of these materials.

1. INTRODUCTION

Binary alloys of the Group IV (A = Si, Ge) with the Group VI
(B = S, Se) elements, AxB100−x provide an attractive testing
laboratory to explore the physics and chemistry of network
glasses. The attraction derives from the extensive bulk glass
forming range (10% < x < 44%) that permits probing glass
molecular structure evolution with network topology. More
importantly, these materials afford the unique opportunity to
examine the nature of the Maxwell rigidity transition, which was
predicted1,2 to occur when the count of mechanical constraints
due to bond-stretching and bond-bending forces per atom, nc =
3, the degrees of freedom per atom in a 3D network. For an
AxB100−x glass, since A atom is 4-fold and B is 2-fold
coordinated, the count of mechanical constraints for atom A
is 7 and for B is 2, and the nc = 3 condition occurs when the A-
atom content increases to x = 20 mol %. And as the field
evolved, it was in the late 1990s when experiments first revealed
the existence of two separate elastic phase transitions3,4 in the
Si−Se binary, a rigidity transition near x = 20% followed by a
stress transition near x = 26% instead of a solitary Maxwell
rigidity transition.1,2,5 Here, x represents the mole% of Si. More
recently, MD simulations on realistic glass structures confirm
that picture.6,7 The case of the Ge−Se binary8−10 has also been
studied, and two distinct and sharp elastic phase transitions, a
rigidity (at xc(1) = 19.5(5)%) and a stress (at xc(2) =
26.0(5)%) transition followed by a chemical nanoscale phase
separation (NSPS) transition near xc(3) = 31.5(5)% are

observed in glasses of proven homogeneity. Homopolar Ge−
Ge bonds are first manifested in these glasses once at x > xc(3)
and lead the chemical order of the stoichiometric GeSe2 glass to
be partially broken with a small (<2%) but finite concentration
of homopolar bonds.11,12 Given the close similarity of chemical
bonding displayed by S and Se, one expects these transitions to
be manifested in binary GexS100−x glasses as well. In this work,
we provide the evidence for these elastic and chemical phase
transitions. A key to observing the intrinsic physical behavior of
these nonstoichiometric chalcogenides glasses is the need for
homogeneous melts. Recent developments9,10,13 to monitor
melt heterogeneity in real time during synthesis using Raman
scattering has greatly facilitated growth of homogeneous batch
compositions on a scale of 5 μm or less.
Why does one observe two elastic phase transitions instead

of one Maxwell rigidity transition? Isostatically rigid networks
form at the Maxwell rigidity transition. These are networks for
which the count of mechanical constraints due to bond-
stretching and bond-bending forces per atom, nc equals 3, the
degrees of freedom per atom.10,14 Isostatically rigid networks
can lower their free energy by reconnecting, to expel mutually
incompatible bonds that create stress14,15 and thereby upshift
the stress transition, thus, opening an intermediate phase10,16
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provided networks possess appropriate ring structures.6 The
nature of networks populated in the intermediate phase (IP) is
quite special; they are rigid but unstressed,17 aging is
qualitatively suppressed in them, they display thermally
reversing glass transitions,18−21 they fill space efficiently, and
they possess the property to reconnect or adapt.22 The feature
of adaptation was elegantly demonstrated in the IP of a
triangular lattice.23,24 Intermediate phases have been observed
in modified oxides,25 heavy metal oxides,26 and solid electrolyte
glasses27 with profound consequences on electrical transport.28

Here we will show that these universal features associated with
the IP are also observed in the present Ge−S binary glasses.
The molecular structure of binary Ge−S glasses has been

examined since the early 1970s.29−32 In early work the glass
forming ranges were identified.32 There is general recognition
that in S-rich glasses (x < 12%), S8 rings form and segregate
from the glassy Ge−S backbone.29−31,33 At higher concen-
trations (x > 12%), an ordered bond network (OBN) of Ge
cross-linked Sn chains emerges as revealed from the transverse
optic IR reflectance response.29 The authors observed the F2
mode strength of GeS4 tetrahedra to increase linearly with Ge
content in the 15% < x < 33.3% range in harmony with OBN
model but not a random covalent network.34 More recently,
Takebe et al.30 and separately Cai and Boolchand35 recognized
the difficulty in obtaining homogeneous glasses by reaction of
starting materials (Ge, S) at elevated temperatures (950 °C) for
up to 48 h. Variations in Ge stoichiometry across a batch
composition can be quite high, as large as 3−5%. Such
variations will hinder observing the IP.36 Neutron31,37 and high
energy X-ray scattering results on Ge−S binary glasses have
placed the fraction of edge-sharing (ES) to corner-sharing (CS)
tetrahedra near 0.44(3)31 and 0.47(5)37 for the stoichiometric
glass GeS2. Homogeneous glasses at the stoichiometric
composition, in principle, can be grown more easily because
of the existence of underlying crystalline phases that speed up
kinetics of melt homogenization. However, for nonstoichio-
metric melts/glasses, homogenization is a far more challenging
issue as we will address in the present work. Not surprisingly,
results from various groups on these nonstoichiometric
compositions display significant variations,29−34 and we com-
ment on the issue in the present work.
In section 2, we address bulk glass synthesis issues and the

experimental methods used to characterize them. In section 3
we provide the experimental results. This is followed by section
4 on discussion of salient issues. Conclusions are summarized
in section 5.

2. MATERIALS AND METHODS
2.1. Synthesis of Melts/Glasses. Dry elemental Ge and S

lumps of 99.999% purity from Strem Chemicals Inc. and Cerac
Inc., respectively, were encapsulated in evacuated (∼2 × 10−7

Torr) 5 mm ID quartz tubings. Elemental sulfur platelets were
vacuum desorbed on a high vacuum pumping line for 24 h prior
to use. The elements were reacted at temperatures ranging
from 700 to 950 °C in a T-regulated box furnace, depending on
the composition, from periods ranging from 1 day < TR < 21
days. Care was taken to increase the furnace T at a 1/2 °C/min
ramp rate to permit S and Ge to react so that elemental S-rich
regions do not lead to explosion of ampules. Batch sizes were
kept at 1.50 g. Fused quartz tubes were washed using
ammonium bifluoride and then rinsed in DI water. Tubes
were then dried in a vacuum oven (90 °C) for 24 h before use.
Periodically, melts were water quenched and FT-Raman spectra

taken along the length of a melt column. The process of FT-
Raman profiling was continued until all spectra taken along the
length of the melt column became identical. At that point we
took batch compositions to be homogeneous. The typical
reaction time TR to homogenize 1.50 g sized melts in the
indicated T range was found to be nearly 21 days.

2.2. FT Raman Scattering. The Raman profiling
method9,13 used a Thermo-Nicolet Model Nexus 870 FTIR
system with a Raman Module accessory to record spectra of
glasses. The Raman module has a motorized stage on which
bulk glasses encased in quartz tube were mounted, and spectra
were acquired at a select number of locations and spacing along
a melt column specified by software. A typical measurement at
one location involved 300 scans, gave a 2 cm−1 resolution, and
took 12 min accumulation time. In these experiments,
scattering was excited using 100 mW of 1064 nm radiation
from a Nd:YAG laser with a 50 μm spot size, and the radiation
was brought to a focus at the interface between the quartz
tubing and the Ge−S bulk glass wetting it. Spectra were
acquired at eight locations spaced 2 mm apart to cover a 20 mm
long melt column. These spectra were superimposed to give a
pictorial view of melt heterogeneity as reflected in the varying
stoichiometry of the glass specimen sampled locally by the laser
beam. To ascertain the homogeneity of bulk glasses so
homogenized, they were separately investigated at a higher
spatial resolution of 2 μm using a Micro-Raman system. The
details of the method are provided below.

2.3. Dispersive Raman Scattering. A triple monochro-
mator model T64000 from Horiba Jobin Yvon Inc. was used to
establish the vibrational density of states and probe the
molecular structure of the homogenized glasses. The instru-
ment was operated in a triple subtractive mode using a CCD
detector. A majority of our Raman dispersive measurements on
homogeneous glasses were performed in the macro-mode,
using 5 mWatts of 514 nm exciting radiation from an Ar-ion
laser with a 50 μm laser spot size. In these experiments we
followed a strict protocol by rigorously controlling three
conditions: (i) the laser power-density was kept fixed (optically
controlled) at 0.04 W/cm2 at all compositions, (ii) scattering
was examined with glass samples always wetting and sealed in
the synthesis quartz tube that was evacuated (10−7 Torr), and
(iii) laser light was bought naturally to a line focus at the quartz
tube/Ge−S glass interface, further reducing the power density.9
The laser beam was focused on the quartz−glass sample
interface using an XY stage in the macro-chamber to optimize
signal. The reduced laser power density facilitated suppressing
photostructural effects,34,38 and to capture the quiescent mode
scattering strength variations with x. The planarity of the
quartz−Ge−S glass interface, the small (50 μm) laser spot size,
homogeneity of glass samples led to Raman lineshapes that
were independent of probe beam location along the melt
column.
In select cases, we also undertook micro-Raman dispersive

measurements on bulk glasses to ascertain their homogeneity
on a spatial resolution of 2 μm using an Olympus Model BX41
microscope attachment with an 80× objective. These experi-
ments were undertaken to complement the FT-Raman profiling
experiments on batch compositions. They revealed that once
melts were homogenized to a scale of 50 μm in the FT-Raman
experiments, they were actually homogeneous on a much finer
scale of about 2 μm. We provide an example in the next section.

2.4. Scanning Calorimetry. 2.4.1. Modulated Differential
Scanning Calorimetry. Once Raman scattering measurements
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were completed, glass ampules were broken open and about
0.020 g of each glass composition hermetically sealed in Al pans
for modulated DSC experiments. We used a model 2920
MDSC from TA Instruments Inc. operated at 3 °C/min scan
rate, and sinusoidal modulation amplitude kept at 1 °C, and a
modulation period of 100 s. We established Tg from the
inflection point of the reversing heat flow and, separately, the
enthalpy of relaxation (ΔHnr) at Tg from the nonreversing heat
flow. By recording scans in heating, followed by the cooling
cycle, the frequency corrected20,39 nonreversing enthalpy was
established. At select glass compositions we also compared the
glass transition endotherm in an MDSC mode with one in DSC
mode. From these scans we could deduce Tg, ΔHnr, and ΔCp as
a function of glass composition. To ascertain reproducibility of
data, a minimum of two samples were investigated at each
composition.
2.4.2. AC Calorimetric Measurements. A model Q2000

DSC from T.A. Instruments Inc., operated in the MDSC mode
with the glass transition endotherm analyzed in terms of
complex specific heat Cp was used to establish the fragility of
melts. The out-of-phase Cp shows40−42 a peak near Tg, while
the in-phase component of Cp shows

40,41 a rounded step. At the
peak location of the out-of-phase Cp component, the glassy
system completely tracks the modulated heat flow, that is, ωτ =
1, where ω represents the modulation frequency and τ is the
enthalpy relaxation time. In a typical measurement, five
different modulation frequencies ω (=2π/Tω) were used
(with time periods Tω ranging from 60 to 120 s). These AC
calorimetric measurements make use of the fact that as ω
increases, the peak of the out-of-phase Cp shifts to higher T. By
measuring τ as a function of T and making a plot of log τ
against Tg/T, we extracted the fragility index “m” using eq 1.

τ
= →m

T T
lim

d log
d( / )T T

g
g

(1)

The compositional variation of the fragility index m(x) was
established, and these data will be presented in the next section.
2.5. Volumetric Measurements. The density of glasses

was measured using a hooked quartz fiber suspended from a
digital microbalance (with 0.001g resolution). Samples were
weighed in air and then in 200 proof alcohol, and using
Archimedes’ principle, we obtained density using eq 2. The
density of ethyl alcohol was calibrated by using a Si single
crystal standard (ρSi = 2.329 g/cm3).

ρ ρ= − x[mass /(mass mass )]sample air air alcohol alcohol (2)

By using glass samples of 0.150 g in size or more we could
establish the density to an accuracy of 1/4%. The accuracy of
the measurements were independently ascertained by measur-
ing the density of a Ge single crystal that is known to be ρGe =
5.323 g/cm3. Molar volumes were then obtained by inverting
the densities and multiplying with the individual molar masses.

3. EXPERIMENTAL RESULTS

3.1. Kinetics of Melt Homogenization from FT-Raman
Scattering. Figure.1 provides a typical example of a Raman
profiled measurement of a quenched melt at x = 30%, taken
after reaction of the starting materials for TR = 4, 9, and 21
days, respectively. A perusal of the observed lineshapes shows
the vibrational spectra vary significantly along the melt column

at T = 4 days but that variation steadily diminishes and
eventually vanishes after TR = 21 days.
A fully homogeneous melt was thus obtained after 21 days of

reaction of the starting materials for the 1.5 g sample (Figure
1), but only after 10 days for a smaller-sized 0.50 g sample
(Figure 2). These data suggest that the underlying kinetics of
homogenization is diffusion controlled, an issue we will discuss
in section 4.2. In general, Ge−S melts of 1.50 g in size took 21
days to homogenize.43 The corresponding Ge−Se batch
compositions of 2.00 g in size took 7 days to homogenize.9,13,44

Thus, slow homogenization of these nonstoichiometric
chalcogenide batch compositions appear to be a generic
feature, and we shall comment on the microscopic origin in
section 4.2.

3.2. Dispersive Raman Scattering. 3.2.1. Melt Homog-
enization Probed in Dispersive Micro-Raman Scattering.
Figure 3 shows an example of a FT-Raman profiled

Figure 1. FT-Raman profile of a Ge30S70 glass sample of 1.50 g in size
taken after 4, 9, and 21 days of reaction of starting materials. In the 4-
day sample, the mode near 260 cm−1 is evidence of a Ge-rich species
(ethane-like units). After 21 days of reaction, all eight Raman
lineshapes coincided, showing that the batch composition has
homogenized. The picture is an actual glass sample encased in quartz
tubing shown next to the middle panel with the eight locations where
Raman spectra were recorded shown by arrows. Note that spot 1 is the
lowest and 8 is the highest, and after 8 days of reaction spot 1
continues to be a Ge-rich glass.
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homogeneous bulk glass that was then examined in a Micro-
Raman dispersive system. In such a system, the laser beam was
brought to a tight focus with a spot size of 2 μm. Here we see
that by recording spectra at several locations we could not
detect any measurable heterogeneity on a scale of 2 μm,
suggesting that, once batch compositions were homogenized in
the FT-Raman scattering measurements on a scale of 50 μm,
they were actually homogeneous on a finer spatial scale of
about 2 μm.
3.2.2. Glass Structure using Dispersive Macro-Raman

Scattering. We examined 11 glass compositions varying in Ge
content from 12% < x < 33.33%, and the Raman results are
summarized in Figure 4. For comparison, we have included
Raman spectrum of elemental S at the bottom of the panel. The
Raman spectra reveal rich line shapes broadly composed of nine
modes labeled ν1−ν9. The present Raman results are
qualitatively similar to previous reports in the field, and there
is broad agreement on the assignment of the modes as
well.31,33,34,38,45 The assignments have been facilitated by
numerical simulations on ab initio cluster calculations46 and
also MD simulations on glasses.47 However, when one
compares details of the line shape analysis, such as mode-
frequency and mode-scattering strength variation with
composition, striking differences appear from earlier reports.
We shall discuss these data comprehensively in section 4.5. The

mode assignments can be briefly summarized as follows: corner
sharing (340 cm−1), edge sharing (203, 373, and 436 cm−1),
tetrahedra of GeS4, S8 ring modes (147, 217, and 471 cm−1),
and Sn-chain mode (460 cm−1). The observed spectra were
deconvoluted as a superposition of Voight line shapes
(Gaussian−Lorentzian mix with the ratio kept constant)
using “Peak fit” software.48 In such a nonlinear least-squares
fitting routine, mode-frequency, mode-scattering strength, and
mode-FWHM were kept as variables. There are three
vibrational modes of central importance that serve to define
not only the glass structure evolution as the Sn chain network is
steadily cross-linked by Ge but also the underlying evolution of
elastic phases. These three modes of interest include the CS
and ES modes of GeS4 tetrahedra, and polymeric Sn chain
mode. Analysis of the Raman results show that frequency of the
GeS4 corner-sharing (CS) mode (ν4) near 340 cm−1, and that
of the ES mode (ν5) near ν = 373 cm−1, steadily blue-shift with
increasing Ge content of glasses (Figure 5). The observed blue-
shift in the CS and ES modes displays kinks near Ge content
xc(1) = 19.3(5)% and xc(2) = 24.9(5). These kinks will be
related to the two elastic phase transitions, rigidity and stress,
respectively (section 4.1). Furthermore, the underlying optical
elasticity power laws deduced from the mode frequency
squared (ν2CS, ν

2
ES) variation will uniquely serve to establish

the nature of the underlying elastic phases (section 4.1). From
the observed mode scattering strength variation of the CS and

Figure 2. FT Raman profile of a 0.50 g glass of Ge21S79 showing
complete homogeneity after being reacted for 10 days. Smaller batch
sizes homogenize quicker, underscoring a diffusion-assisted mixing of
melts.

Figure 3. Dispersive Micro-Raman scattering data on a Ge30S70 sample
taken at 5 points along the length of a quartz ampule showing it to be
homogeneous on a scale of 2 μm as well.

Figure 4. Dispersive macro-Raman spectra of 11 homogenized
GexS100−x glass compositions (12% < x < 33.3%) showing line shape
evolution with composition (x). See text for assignments of the nine
modes indicated. For reference, the bottom most spectrum is that of
orthorhombic sulfur.
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ES modes, vital information on the evolution of the glass
network structure will emerge and is comprehensively discussed
in section 4.4.
3.3. Glass Transition Temperature (Tg), Non-Reversing

Enthalpy of Relaxation at Tg, and Specific Heat Jump at
Tg. In Figure 6 we show an example of an MDSC scan and a

DSC scan for the case of the stoichiometric GeS2 glass. The top
three scans show respectively the total, nonreversing, and the
reversing heat flow from an MDSC scan. From the inflection
point of the reversing heat flow we obtain a Tg of 518(2) °C. A
DSC scan (lowest scan in Figure 6) of the same glass sample
taken at a scan rate of 10 °C/min shows an endotherm from
which we deduce a Tg of 524(2) °C from the inflection point.
In Figure 7 we compare the Tg of GeS2 glass from the present
work with those reported earlier. Our DSC deduced Tg of
524(2) °C may be compared to the value of 493.3 °C reported
by Malek et al.,49 to a value of 495.2 °C by Bychkov et al.31 Our
MDSC deduced Tg of 518 °C may be compared to a value of
514 °C reported by Zeidler et al.37 and 508 °C reported by Cai
and Boolchand.35 Once again, the spread in Tg can be

attributed to glass heterogeneity by virtue of synthesis, as noted
for solid electrolyte glasses27 earlier.
A summary of mDSC results showing compositional

variation of Tg(x), ΔHnr(x), and ΔCp(x) in the present Ge−
S binary are summarized in Figure 8. Tg(x) shows an increase
with x (Figure 8a), a behavior that is consistent with an
increased cross-linking of the backbone.50 In the same figure we
have also included a plot of the slope of Tg with x, dTg/dx and
find that it displays a maximum near x = 31%. The slope dTg/
dx was established by averaging data on four adjacent
compositions. Tg(x) shows a maximum near x = 33.3% Ge
and decreases at higher x. The slope dTg/dx revealed a
maximum near x = 31%, which we suggest represents the onset
of Ge−Ge bond formation in the Ge−S glasses as nanoscale
phase separation (NSPS) ensues and slows down the growth of
Tg(x). In Figure 8b, we plot the variation in ΔHnr(x) and find
the term displays a global minimum in the 20% < x < 25%
range with an almost square-well like behavior, and with the
ΔHnr(x) term increasing by an order of magnitude outside that
range. The vanishing of ΔHnr(x) is evidence of networks
becoming isostatic.19 Near x = 25%, one finds the window wall
sharpens upon aging, but the reverse is the case near x = 20%.
The latter behavior can be traced to growth of S8 rings upon
aging, as will be discussed in section 4.3.
For the readers convenience, we have included in Figure 8b

DSC Tg(x) results reported by Bychkov et al. These data clearly
show that at x < 18%, the present results on Tg are quite similar
to those of Bychkov et al.,31 but at higher Ge concentrations
such is not the case, most likely due to differences in sample
make up, particularly their heterogeneity (section 4.5).

3.4. Variation of Fragility Index with Glass Composi-
tion. A perusal of the literature reveals that fragility index of
melts typically vary from 20 for strong to almost 175 for fragile
ones.51 The variation of fragility index m(x) in the present Ge−
S melts (Figure 9) shows a broad minimum with m < 20 in the
reversibility window (blue panel). A parallel behavior was
observed in corresponding Ge−Se glasses.40 Clearly melt
dynamics and nonreversing enthalpy of relaxation at Tg in
glasses are closely correlated to network topology. Of special
interest is the composition x = 25% for which m shows a global
minimum of 15.2(4), measurably lower than the value of 20 for
the archetypical strong melt of SiO2.

52 Such a superstrong melt
will serve as a barrier in atomic scale mixing of the starting
materials as they are reacted at 950 °C, leading to slow
homogenization of batch compositions (section 4.2).

3.5. Variation of Molar Volumes of Ge−S Glasses with
Composition and Aging. A plot of the variation in molar

Figure 5. Corner sharing (CS) and edge sharing (ES) modes blue shift
as a function of Ge content. These data have permitted extracting the
two elastic phase transitions at xc(1) = 19.3(5)% (rigidity) and xc(2) =
24.9(5) (stress). The blue shaded region between these two transitions
represents the intermediate phase (IP).

Figure 6. Modulated DSC scan taken at 3 °C/min scan rate, showing
the total heat flow (black). The nonreversing heat flow (green) and
the reversing heat flow (red) for a GeS2 glass. From the inflection
point of the total heat flow, a Tg = 518.2 °C is deduced. In a DSC scan
at 10 °C/min, from the inflection point of the heat flow endotherm
(blue), we obtained a Tg of 524 °C.

Figure 7. Comparison of Tg of GeS2 glass from different reports;
present work (524 °C (▼) and 518 °C (○)) and earlier reports
(Malek et al.49 −493.3 °C (Δ), Bychkov et al.31 −495.2 °C (●), Cai et
al.35 −508.0 °C (■) and Zeidler et al.37 −514 °C (□)).
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volumes, Vm(x), measured on 2 week aged glasses at 300 K
show a mild minimum at x < 27%, which gets strikingly deeper
as glasses age to 6 weeks (Figure 10). These data demonstrate
that IP glass compositions, such as for example at x = 25%
composition, compact nearly 7% upon aging, while the one
near x = 30%, outside the IP, shows only a 4.0% compaction in
Vm.
It is widely known31,33 that binary Ge−S glasses containing

less than 25% of Ge have a finite concentration of S8 rings
(Figure 9, inset) and that their concentration steadily increases
as these glasses age. We illustrate the result for the case of a
glass at x = 15% in Figure 11, which shows Raman scattering
taken after a 2 week and after a 6 week waiting time. Modes
characteristic of S8 rings near 147, 220, and 470 cm−1 increase
in scattering strength upon aging. Thus, to schematically
separate the effect of aging of the backbone from the strictly

chemical segregation of S8 rings, we have drawn a rough broken
line curve that provides our estimate of Vm(x) due to aging of
the glassy backbone. We shall discuss these results in section
4.3.

4. DISCUSSION
4.1. Rigidity Theory, Topology, and the Three Elastic

Phases in Ge−S Glasses. The optical, calorimetric, and
volumetric studies on the present glasses each display three
distinct regimes of variation. We have already noted in Raman
scattering that the CS and ES mode frequency display
thresholds near x = xc(1) = 19.3(5)% and x = xc(2) =
24.9(5)% (Figure 5). In the calorimetric measurements, the
enthalpy of relaxation near Tg displayed a square-well like
reversibility window (Figure 8b) with walls near xc(1) and
xc(2). Finally, molar volumes of the glasses display a minimum,
trapezoidal volumetric window (Figure 10) with edges located
near xc(1) and xc(2). The privileged role of the IP glass
composition in the xc(1) < x < xc(2) range has thus emerged

Figure 8. Variation in (a) glass transition temperature Tg(x), and (b)
enthalpy of relaxation at Tg, ΔHnr(x), showing the reversibility window
as the blue panel. The slope of dTg/dx is included in panel (a) and
shows a maximum near x = 31% corresponds to the nanoscale phase
transition. Glass compositions at x > 31%, are found to segregate into
S-rich and Ge-rich (Ge2S3) nanophases. In (c) we plot variation in the
specific heat jump, ΔCp(x) at Tg and find the term to be independent
of x.

Figure 9. Variation in the fragility index m(x) in GexS100−x glasses as a
function of x. Note that m(x) becomes less than 20 in the blue panel,
the reversibility window from Figure 8. The measurements also reveal
an m = 15.2 near x = 25%, indicating a superstrong melt composition,
dark blue band. At this composition, the concentration of S8 rings
vanishes. The inset plots the scattering strength of the 217 cm−1 S8
mode variation with glass composition. The superstrong melt
composition will serve as a diffusive barrier in melt mixing.

Figure 10. Variation of in molar volume Vm(x) with composition in
the Ge−S binary studied after 2 and 6 weeks of aging. Note that Vm(x)
decreases as glassy networks relax at room temperature. The
compaction of glasses in general is driven by long-range forces. The
work of Takabe et al. is taken from ref 30.
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from three diverse experiments. These data raise basic issues,
what do these two thresholds represent? What is the nature of
the three elastic phases delineated by these two thresholds? In
this section we now show that the compositions xc(1) and
xc(2) represent the rigidity and stress transitions, respectively,
and that glasses at x < xc(1) are in the flexible phase and, with
increased cross-linking, enter in the isostatically rigid phase,
xc(1) < x < xc(2), and, at x > xc(2), the stressed-rigid elastic
phase.
Perhaps one of the most attractive aspects of rigidity theory

of glasses is its predictive power. Numerical simulations53,54 on
amorphous networks possessing a connectivity ⟨r⟩ that exceeds
the Maxwell Rigidity transition reveal that their elasticity (C)
increases as a power law,

− = −C C A r r( )p
o c (3)

Here, C represents the elasticity at a given ⟨r⟩, Co is the
threshold value of elasticity at ⟨r⟩ = ⟨rc⟩ corresponding to the
Maxwell rigidity threshold, and p the elastic power law, with a
value in the 1.4 to 1.5 range for 3D networks. In Raman
scattering, glasses were studied at discrete compositions. On
the other hand, elastic thresholds need not necessarily occur at
discrete compositions. The question then remains, how does
one accurately derive the elastic thresholds? We use an iterative
method to derive the points at which the threshold occurs.
With a set of Raman mode frequency shifts ν1, ν2, ..., νn at glass
compositions r1, r2, ..., rn, we extracted the optical elastic power
law “p” and elastic threshold composition “xc” as follows. In the
Raman experiments, the mode frequency squared provides a
measure of an optical elasticity, since ν2 = k/m, where k is an
effective spring constant and m the atomic mass. So that one
writes eq 3 equivalently as eq 4,

ν ν− = −A r r( )p2
c

2
c (4)

where νc represents the value of ν at the elastic threshold
composition ⟨rc⟩. Using this equation, we can either employ a
linear fit directly to the eq 4 or, alternatively, a linear fit to eq 5.

ν ν− = + −A p r rln( ) ln ln( )2
c

2
c (5)

In binary GexS100−x glasses, at x < 33.3%, since the coordination
of Ge and S are known to be 4 and 2, respectively, one can
write the mean coordination number ⟨r⟩ = 4x + 2(1 − x) or

=2(1 + x). To evaluate the threshold, a starting composition xc
is chosen suggested by the Raman scattering experiments
(Figure 5) and the its value iterated by small amounts to
determine a power-law “p” using both methods. The final value
of xc was fixed when elastic power law determined using the
two methods converged to the same value of “p”. We have
performed these calculations43,44 from the available Raman
mode frequency data and find for glasses in the 19 to 25%
range, the rigidity transition (xc(1)) occurs near 19.3(5)%, and
for glasses in the 25 to 33.3% range, the stress transition (xc(2))
occurs near 24.9(5)%. The elastic power laws for the IP and the
SR phase are listed in Table 1.

The IP between the rigid and the stress transition is
characterized by an elastic power law of 1.0, while glasses at x >
xc(2) are in the stressed-rigid phase possessing an elastic power
law of 1.32(4) in excellent agreement with the numerical
predictions of He and Thorpe.53 The vibrational thresholds,
that is, the rigidity and stress transitions, are accurately
determined by Raman scattering and found to coincide with
the calorimetric thresholds, that is, walls of the reversibility
window (Figure 8b) and almost nearly so with the walls of the
volumetric window (Figure 10). The low end of the
reversibility and volumetric windows are altered by aging
induced segregation of S8 rings from the network backbone as
will be discussed in section 4.3.
The results for the Ge−S binary glasses are compared with

those in the Ge−Se binary (Table 1), and it is comforting to
see that not only are the elastic power laws in both systems are
remarkably similar, but the rigidity and stress transitions occur
nearly at the same Ge content in respective binaries. These data
underscore the similarity of glass molecular structure, as we
discuss later.
Substantial efforts to characterize the IP have been made by

topological analysis.21 Currently there is no numerical
prediction for the elastic power law in the intermediate
phase, although not because of a lack of trying.

4.2. Melt Dynamics, Glass Elastic Behavior, and Slow
Melt Homogenization. The predictive power of the Rigidity
Theory appears not merely confined to the three generic elastic
phases of glasses, but there is growing evidence that it extends
to the dynamics of the parent melts from where these evolve.

4.2.1. Melt Dynamics Encode Glass Elastic Behavior. As a
melt is supercooled, one has often wondered if melt dynamics
would encode the nature of the glass formed at Tg. We are now
in a position to comment on this fundamental issue. The
archetypal SiO2 glass is widely regarded as a strong glass with m
= 20. As shown in Figure 12b, the fragility index of melts in the
20% < x < 25% range, the intermediate phase, are all lower than
20, that is, these melt compositions are superstrong.40,55 Upon
comparing the data of Figure 12b with 12c, one recognizes the
exceptional properties of IP compositions; the melt fragility
minimum coincides with the glass reversibility window. We

Figure 11. Raman spectrum of a Ge15S85 glass taken 2 weeks and 6
weeks after melt quenching, showing growth of S8 rings modes upon
aging. Decoupling of S8 rings is a feature observed in S-rich (x < 20%)
glasses.

Table 1. Optical Elastic Power Laws for the Intermediate
and Stressed-Rigid Phases from Raman CS Mode Frequency
Variation in the Ge−S Binary Compared with the Ge−Se
Binary9,10

glass
system

elas. power
law; Pint

elas. power
law; PSR

rigidity trans.;
xc(1)

stress trans.;
xc(2)

Ge−S 1.00(1) 1.32(4) 19.3(5) 24.9(5)
Ge−Se 1.10(1) 1.47(3) 19.5(3) 26.03(3)
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note (Figure.12b) that melts in the composition range 20% < x
< 27% possess a lower fragility index m(x) than the archetypal
strong SiO2 melt. These select superstrong melt compositions
define a low fragility range (window) and note in passing that it
almost coincides with the reversibility window (Figure 12c)
characteristic of isostatically rigid glasses. Thus, in the present
Ge−S binary melt dynamics described by fragility index actually
encodes the elastic behavior of the resulting glass that forms at
Tg. On the other hand, fragile melts can either give rise to
elastically flexible glasses or stressed rigid ones. However, in the
former m (Figure 12b) decreases with increasing Tg (Figure
8a), while in the latter m increases with Tg. Indeed, the scaling
relationship between m and Tg with two distinct slopes, a
positive and a negative one, is also observed in corresponding
Ge−Se glasses40,56 and will not be discussed further in this
work.
4.2.2. Topology, Melt Fragility, and Slow Homogenization

of Batch Compositions. William-Landel and Ferry57 first
characterized the viscous slowdown of melts as they are cooled

to Tg by plotting the log of viscosity (η) against 1/T, a
phenomenology that was subsequently popularized by A.
Angell.58 Vogel, Fulcher, and Tammann59 recognized that the
dynamics of slowdown in different glasses can be characterized
by a family of universal plots with the slope of d(log η)/d(Tg/
T) near T = Tg defining their overall shape. On such plots,
melts displaying an Arrhenian behavior are viewed as strong,
while those showing a bowing of the η(Tg/T) curve are viewed
as fragile.58

To understand the slow homogenization (Figure 1) of melts,
we used the Vogel−Fulcher−Tammann (VFT) variation of
melt dynamics to estimate the melt viscosity at the reaction
temperature. The shear relaxation time τ (T) variation in the
VFT formalism can be written60 in terms of melt fragility index
m as follows,

τ τ= −B T Texp[ /( )]VF 0 (6)

where B is a fitting parameter and T0 is a characteristic
temperature less than Tg. The VFT formalism can then be
related to melt fragility, m, by eq 7

τ τ= − +

− −

m m T T

m m m T T

log log ( / )

/[ ( ) / ]

g min min
2

g

min g (7)

Here Tg is identified with the temperature at which the
relaxation time equals a characteristic value, usually taken to be
τ(Tg) = τg = 100 s and mmin represents the lower limit of
fragility taken60 to be ∼16. From the measured fragility index
m(x), we thus calculated the expected variation of melt viscosity
η(x) at 950 °C, the temperature at which Ge and S were
reacted.
We also considered an alternative approach due to Mauro,

Yeu, Ellison, Gupta, and Allan to describing the log η(Tg/T)
variation in glass forming melts. In this MYEGA61 approach,
the relationship between melt viscosity and fragility index can
be written as follows:

η η η

η
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−
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(8)

where η∞ represents the infinite temperature viscosity, usually
taken as log10η∞ = −4 at m = 60. Using the measured m, we
have calculated η using eq 8. The diffusion coefficient, D, was
estimated from the Eyring62 relation (eq 9). In eq 9, parameter
λ, represents the jump distance for viscous flow and is usually
taken as a characteristic bond length of the network. From D,
we estimated the characteristic diffusion length L(x) using the
Einstein relation (eq 10).

ηλ
=D

k TB

(9)

= ×L D t/62 (10)

where t is the time of reaction.
Taking λ = 2.05 A° (typical jump distance, S−S bond

distance), the results of our calculations of viscosity η(x) and
diffusion length L(x) after t = 1 day for the MYEGA approach
are plotted in Figure 12a. The VFT approach and the MYEGA
approach for the present Ge−S binary melts reacted at 950 °C,

Figure 12. (a) Calculated variations of melt viscosity η(x) and
diffusion lengths L(x) after 1 day of reaction at 950 °C from measured
fragility index m(x) near Tg, using the MYEGA approach. The VTF
and MYEGA approaches yielded variations in η(x) and L(x) that were
almost identical. (b) Variation in fragility index m(x) from complex Cp
measurements. (c) Variation in nonreversing enthalpy of relaxation at
Tg, ΔHnr(x), obtained 2 and 6 weeks after melt quenching. In (c) the
segregation of S8 rings from the backbone upon aging leads to a
lowering of the ΔHnr(x) term at x < 20%. See section 4.3.
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yielded variations in viscosity η(x) and diffusion length L(x)
(Figure 12a) that were almost identical.
We find (Figure 12a) that, for the superstrong melt

composition near x = 25%, η displays a global maximum of
∼105 Pa·s and leads to a global minimum of L ∼ 0.01 mm.
While these calculated values may not be exact, they are of the
right order of magnitude. Given that the length of Ge−S melt
column for the 1.5 g batch compositions used was about 20
mm, it is not surprising that reaction times of typically 3 weeks
are needed to homogenize batch compositions (Figure 1).
Thus, the homogenization kinetics of the nonstoichiometric
Ge−S melts appear, in fact, to be limited by the slowest
diffusing IP species,40 that is, a superstrong composition near x
= 25% of Ge.
4.3. Adaptation, Aging of Molar Volumes, Non-

reversing Enthalpy of Relaxation, and Decoupling of
S8 Rings. One of the challenges in examining aging related
effects in Ge−S glasses is that S-rich compositions (x < 25%)
contain increasing fraction of S8 rings (Figure 9 inset), and that
the S8 ring-fraction steadily increases upon aging of glasses over
a period of weeks, as documented in Raman scattering results at
x = 15% (Figure 11). Formation of S8 rings at the expense of
polymeric Sn chains is energetically favored. On the other hand,
the reverse is the case for Se8 rings and polymeric Sen chains,
and for that reason, one does not observe39 such striking aging
related decoupling of Se8 rings in corresponding Ge−Se glasses.
Our results on molar volumes (Figure 10) and the enthalpy

of relaxation at Tg, ΔHnr(x) (Figure 12c) as a function of aging
clearly show features that can be identified with the decoupling
of S8 rings from the backbone upon aging. The trapezoidal-like
molar volume window Vm(x) in Ge−S (Figure 10) deserves
some comments. We have already noted that the Vm reduction

for IP compositions is remarkably greater than for compositions
outside the IP. Long range forces such as van der Waals and
Coulomb assist network compaction. One might ask, why is the
compaction effect so pronounced for IP compositions? This is
the case because glassy networks in the IP are optimally
constrained, that is, count of mechanical constraints due to
short-range covalent forces (bond-stretching and bond-
bending) is exactly 3, which leads to the formation of stress-
free networks. And as glass backbones relax, long-range forces
serve to compact IP networks as they adapt. Notice in the IP,
the ΔHnr(x) term ages minimally. On the other hand, stressed
networks or flexible networks formed outside the IP
compositions age and behave quite differently. Thus, we can
understand the evolution of a volumetric window to be the
signature of adaptation of the stress-free networks prevailing in
that special elastic phase.
As a final comment, we note that the density of the

stoichiometric GeS2 glass reported by Zeidler et al.37 of 2.72 g/
cm3 translates into a Vm of 16.75 cm3. That value falls close to
the one observed for our stoichiometric glass 6 weeks (16.7
cm3) of aging. Molar volumes of the nonstoichiometric glasses
have been reported by several groups63 and were also
summarized by Takabe et al.30 A perusal of these results
show wide variations as a function of composition, which we
believe to be a reflection of glass heterogeneity. The results of
Takebe et al.30 are an exception, however. They also observe
evidence of a global minimum of molar volumes in the IP
window, which is similar to the trapezoidal window observed by
us in the present work.
The aging of glass compositions as manifested by the

ΔHnr(x) term (Figure 12c) is most revealing and deserves
some comments. At the outset, we recognize that in flexible and

Figure 13. Variations in integrated scattering strength (I) of Raman modes of (a) A1 mode of CS tetrahedra and (b) A1
c edge sharing tetrahedral

units. Scattering strength ratio of (c) Sn chain mode to CS mode and (d) A1
c mode to A1 mode from the present work (●), from Bychkov et al.31

(Δ) and from Sugai34 (○). Note that the scattering strength of modes in (a) and (b) and scattering strength ratios in (c) and (d) show a plateau-like
behavior in the IP, which is suggestive of network adaption in that special phase.
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stressed-rigid glass compositions, which are stressed,17 the
ΔHnr(x) term, in general, is found to increase with waiting
time. In sharp contrast, for IP glass compositions aging of the
ΔHnr(x) term is qualitatively suppressed because of the stress-
free nature of the backbones.17 Indeed, the near absence of the
ΔHnr(x) term in the IP is due the network reconnecting to
expel stress-creating redundant bonds, that is, due to the
network adapting. The sharpening of the upper edge of the
reversibility window near x = 25% conforms to that expected
behavior. But what are we to make of the lower edge of the
reversibility window near x = 20% that shows the reverse
behavior? We submit that the effect is a direct consequence of
the S8 rings decoupling. The aging-induced lowering of the
ΔHnr(x) term at x = 18% is due to the network backbone of
this S-rich glass composition becoming somewhat Ge-richer
due to the decoupling of S8 rings from the backbone, rendering
it closer to becoming optimally constrained, that is, nc → 3.
These considerations lead naturally to a broadening of the
lower end of the reversibility window wall due to decoupling of
S8 rings from the backbone.
4.4. Evolution of GexS100−x Glass Structure and the

Nature of Chemical Order in the Stoichiometric GeS2
Glass. The molecular structure evolution of Ge−S glasses has
been elucidated by infrared reflectance,29 Raman scattering,34

and neutron scattering.37,31 In the present Raman scattering
measurements, we made a special effort to establish variations
in mode scattering strengths with composition for the CS, ES,
and chain modes, separately. The feature was made possible by
the special procedure used for sample handling and data
acquisition (section 2.3), and led, for the first time to the best
of our knowledge, to observe a qualitative arrest of glass
structure in the IP (Figure 13), as we describe below.
Elemental sulfur at ambient temperature possesses an

orthorhombic structure64,65 composed of S8 rings. Upon
heating, it transforms to a monoclinic form at 95.6 °C, and at
still higher temperatures, exceeding 159 °C, into a highly
viscous form (Tλ transition) composed of polymeric Sn chains.
The Raman spectrum of elemental S as a function of T is well
characterized.66 Melt-quenched S-rich alloys consists of some
glassy Ge−S backbone but with substantial amount of S present
as S8 rings. For example, at x = 12%, as revealed by Raman data
(Figure 4) polymeric Sn chains cross-linked by Ge have evolved
(Raman mode 460 cm−1) with S8 rings (modes at 147, 217, and
471 cm−1) decoupling from that backbone. At these low Ge
concentrations, the backbone (or connective tissue) of the
NSPS network evolves stochastically, as evidenced by the
observed variation of scattering strength of CS (ICS(x)) and
edge-sharing (IES(x)) tetrahedral units, and sulfur chain modes
(ICM(x)) with increasing x (Figure.13). The stochastic variation
of scattering strengths then appears to be interrupted near x =
xnst = 15%, as ICS(x), IES(x), and ICM(x) vary nonlinearly with x.
At x < xnst, the backbone structure consists of weakly cross-
linked S-chain network largely quasi 1D and evolves
stochastically, as we will show below (Figure 14). But near x
= 15%, GeS4 chains emerge and the network morphology now
increases to 2D or possibly 3D. The entanglement of the two
chain structures not only slows the melt homogenization
(Figure 12b) as the fragility index drops, the S8 fraction
decreases qualitatively as glasses become isostatically rigid and
as x increases near to xc(1) = 20%, the rigidity transition.
In the 20% < x < 25% range, the scattering strength variation

becomes rather exceptional, and one observes a plateau-like
variation for the CS, ES, and Sn chain mode. The arrest in the

scattering strengths of the CS and ES tetrahedral units even
when the backbone cross-link density is steadily increasing (as
Tg continues to increase (Figure 8a)) is evidence of the
network adapting to expel attendant stress by reconnecting.
The nonreversing enthalpy (Figure 8b) continues to remain
minuscule in that range, which is strong evidence of isostaticity
of the network.19 Thus, the appearance of a reversibility
window, a volumetric window, a fragility minimum, and with
the Raman optical elastic power-law behavior of p = 1 for CS
mode confirms the truly exceptional physical behavior of glasses
in the intermediate phase.
The observation of the nonreversing enthalpy ΔHnr(x)

abruptly increasing (Figure 12c) by an order of magnitude as x
> 25%, is in harmony with the onset of a percolative stress
transition.14 At x > 25%, the ES mode scattering strength grows
almost linearly (Figure 13b), signaling that backbone is now
overconstrained and in the stressed-rigid elastic phase.
Confirmation is given by the optical elasticity variation of the
CS mode frequency squared with composition that displays
characteristic power-law, p = 1.32 (Table 1), in harmony with
numerical simulations.53,54

And as one approaches the stoichiometric composition, x =
33.3%, a NSPS transition occurs near 31%, where Ge−Ge
bonds first form and decouple from the backbone. The
maximum in the slope dTg/dx (Figure 8a) at this composition
suggests a change in network topology; glass compositions at x
> 31% are segregated into S-rich and Ge-rich phases leading
thereafter to the stoichiometric glass GeS2

12,67 to be mildly
segregated.35,68 In the stoichiometric glass we can detect the
vibrational mode of the ethane-like units.46,47 From the
measured scattering strength ratio of the ethane-like mode
near 260 cm−1 to the CS mode near 340 cm−1, normalized with
respect to their Raman cross sections, we obtain the fraction of
ethane-like units to CS units at 0.78%.43 Given that for GeS2
glass, there are 0.43 ES units for each CS unit (Figure 13), and
in each of these we have 4 Ge−S bonds, we deduce the fraction

Figure 14. Variation in the concentration of Ge−S bonds, N(x) = In/
σn (●), coming from CS tetrahedral units NCS(x) ((▲), and from ES
tetrahedral units NES(x) (⧫) in GexS100−x glasses deduced from Raman
scattering. The concentrations N(x) were obtained by adding together
ICS/σCS with IES/σES and normalizing the sum to a value of 4/3 at x =
0.33. The linear N(x) variation conforms well to the ordered bond
network (OBN) prediction, but not the CRN one. The NCS(x) and
NES(x) could be uniquely determined by their ratio at x = 1/3 from
the measured intensity ratio and Raman cross sections (σn). No
corrections for the segregated S8 fraction were made for the low Ge
content (x < 25%) glasses.
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of NGe−Ge/NGe−S bonds to be 0.14(5)%. Our present estimate
of homopolar bonds in the more homogeneous GeS2 glass is
smaller than our earlier estimate of 1.2%.35

The molecular structure of GeS2 glass has been examined in
neutron structure factor measurements,31,37 and these results
have been analyzed in first principles MD simulations.47,69,70 In
the most recent contribution, Celino et al.67 point out that of
the 4-fold Ge and 2-fold S present in GeS2, a substantial
fraction (Table 3 in ref 67) occur as homopolar (Ge−Ge, 10%)
and S−S (16%) bonds. These estimates are higher than the
present experimental results and suggest that the difficulty of
slow cooling melts close to Tg in MD simulations continues to
be a challenge. However, it is interesting to note that the
simulations reveal homopolar S−S bonds to largely come from
S atoms having a Ge and a S nearest neighbor, a local
coordination that would result naturally from the outrigger S−S
bonds71 formed in the high-T phase of c-GeS2. The ES/CS
fraction of this moiety is 0.5, close to the fraction of 0.43(4)
reported from the two neutron scattering31,37 reports and
present Raman scattering data. It was again the presence of the
outrigger S−S bonds in GeS2 glass that led the oversized 129mTe
parent to selectively replace the chemically disordered outrigger
S sites in the stoichiometric glass to account for the observed
129I Mossbauer spectrum.72

Two types of model descriptions of binary Gex(S or Se)100−x
networks have gained popularity, a continuous random network
(CRN)34 and an ordered bond network (OBN) or chain-
crossing model,29 where the local structure of Ge is 4-fold
coordinated to S atoms, as in the GeS2. In the former case
(CRN), Ge−Ge, S−S, and Ge−S bonds are formed randomly
based on atom concentrations, and the predicted29 variation of
Ge−S bond concentration N(x) is given as

= − +N x x x4 (1 )/[1 ]CRN (11)

In an OBN model, bond energies are a weighting factor, in
addition, and lead the Ge−S bond concentration N(x) to vary29
as

=N x4OBN (12)

Thus, at x = 0, only S−S bonds exist, while at x = 1/3, only
Ge−S bonds exist in an OBN, with the count of these bonds
equal to N = 4x = 4/3.
The concentration of Ge−S bonds in glasses was deduced

from present Raman scattering as follows. The working

assumption is that the Raman integrated intensity (In) is
determined by the concentration (Nn) of the species, the
scattering cross-section (σn) and other factors (Gn) that include
the exciting laser power density and geometrical factors such as
planarity of glass surface and light collection optics.

σ=I N Gn n n n (13)

The factor G was specially controlled (section 2.2) in the
compositional studies as mentioned earlier and remained
independent of x. The cluster calculations46 place the cross-
section of CS tetrahedral and ES tetrahedral units at 77.5 and
79.5 A4/esu, respectively. The sum of the concentrations NCS +
NES was then normalized at x = 1/3 to 4/3 following eq 12 (see
Figure 14). The observed variation of the count of Ge−S bonds
show a linear behavior with x, results that are in harmony with
an earlier IR measurement.29 In the IR reflectance experiments,
one examined29 the F2 active vibrational mode strength (of
GeS4 tetrahedra near 367 cm−1) by obtaining the imaginary
part (ε2) of the dielectric function. Furthermore, the OBN
description is also consistent with the higher Pauling single
bond strength of Ge−S bonds (55.52 kcal/mol)73 than of Ge−
Ge bonds (37.6 kcal/mol) and S−S bonds (50.9 kcal/mol),
thus, promoting growth of heteropolar bonds at the expense of
homopolar ones.

4.5. Variance in the Reported Physical Properties of
Nonstoichiometric Ge−S Melts and Glasses: The
Influence of Compositional Heterogeneity. Bulk glasses
of the stoichiometric GeS2 composition homogenize more
easily than nonstoichiometric compositions because of the
underlying crystalline phases that promote growth of chemical
order. Thus, the data of Figure 7 broadly shows that the spread
in Tg of the stoichiometric glass between various reports of 30
°C (from a low value of 495 °C to a high value of 525 °C) is
actually quite small compared to the variation encountered for
nonstoichiometric compositions. Since the Tg(x) variation in
Ge−S glasses maximizes near the stoichiometric composition, it
follows that glasses with a Tg lower than the maximum value of
518 °C (Figure 7) possess a larger spread in Ge stoichiometry
variation, “Δx” across a sample, that is, are more heteroge-
neous.
Nonstoichiometric chalcogenides melts/glasses9,13,40 under-

go slow homogenization, as we noted earlier, because of the
superstrong character of melt compositions in the IP (section
4.2.2). Not surprisingly, reports of Tg of the Ge25S75 glass

Figure 15. Variations in Raman frequency of (a) A1 mode of corner-sharing GeS4 and (b) A1
C Raman mode of edge-sharing tetrahedral from the

present work (●) and the work of Sugai (▼) ref 34. The data points from Sugai’s work are taken from Table 2 of ref 34. In the present work, the
mode frequency squared was used to extract elastic power laws in the intermediate phase (blue panel) and the stressed-rigid phase (x > 25%). See
Figure 5.
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composition show a wide variation; 139 °C on the low side,63

to values of 340 °C in ref 31, 360 °C in ref 33, and 370 °C in
the present work. The spread of Tg between the high and the
low value is now 230 °C for this nonstoichiometric
composition and stands in sharp contrast to the rather narrow
spread noticed earlier for the stoichiometric composition GeS2
(Figure 7). The large spread in Tg is a direct reflection of glass
heterogeneity.
The molecular structure of binary Ge−S glasses has been

discussed in several earlier reports29−32,34,45,74,75 and we now
compare these with the present findings. Sugai34,76 reported on
dispersive Raman scattering on Ge−S glasses and suggested
that the structure of these glasses is best described as a CRN.
Regrettably, we could not find details of glass synthesis or
calorimetric characterization of the glass samples used by Sugai.
However, we can directly compare the compositional variation
in the CS and ES mode frequencies reported by Sugai with the
present work (Figure 15). The red-shift of the CS mode with
increasing x at x > 15% and the near constancy of the ES mode
frequency in the 5% < x < 25% range of composition reported
by Sugai is qualitatively at odds with the present results on
glasses of proven homogeneity. In our experiments, the elastic
power-laws for both the νCS

2 and νES
2 in the IP and the

stressed-rigid phase were inferred from a blue-shift of these
modes with x, as also in earlier reports on the Ge−Se9 and Si−
Se3 binary systems. Indeed, increased cross-linking with
increasing x will fundamentally stiffen the network and lead
CS and ES modes to blue-shift. Thus, the mode frequency
variation reported by Sugai is also physically unrealistic. These
differences are due to sample make up and cast serious doubts
on the validity of a strictly CRN description of the present
glasses across the wide range of Ge concentration. It is highly
likely that, in heterogeneous Ge−S glasses for which a CRN
description is favored,34 the intermediate phase will not exist.
Indeed, a parallel circumstance has recently been noted in the
Ge−Se glasses.77
For the stoichiometric composition, the ES/CS fraction

found by Bychkov et al.31 of 0.44(3) and by Zeidler et al.37 of
0.47(5), both from neutron scattering, are in excellent
agreement with the present Raman result yielding a value of
0.43(2). Raman scattering measurements are subject to matrix
element effects. An estimate of the Raman cross-section of ES
and CS modes from cluster calculations46 place σES = 79.3 A4/
esu and σCS = 77.5 A4/esu. Correcting the observed Raman
scattering strength ratio of ES/CS modes of 0.44(2), for the
Raman cross sections, we deduce an ES/CS fraction of 0.43(2)
from the present Raman measurements.
On the other hand, a qualitatively different picture emerges

for nonstoichiometric compositions, where clear disagreements
appear between the present Raman and the earlier neutron
scattering results of Bychkov et al.31 For example, at Ge25S75,
the neutron scattering results place the ES/CS ratio at 0.32(3),
higher than the present Raman ES/CS fraction of 0.22(2).
The compositional width of the IP found in the present Ge−

S glasses almost coincides (Table1) with the one in Ge−Se
glasses.9,10,13 There is an intimate and deep connection
between glass structure and the IP width that was first
recognized by Micoulaut and Phillips6 based on cluster
expansion calculations (size increasing cluster agglomeration,
SICA). Specifically, they demonstrated that in these IV−VI
glasses the ES/CS fraction controls the width of the IP, an idea
for which significant support has emerged since.52 The close
similarity of ES/CS fraction in Ge−S and Ge−Se glasses

deduced from Raman scattering is quite consistent with the IP
width being nearly the same.43 On the other hand, the higher
ES/CS fraction obtained by Bychkov et al.31 would require the
IP width in Ge−S glasses to exceed the one in Ge−Se glasses.
Bychkov et al.31 synthesized their samples by reaction of the

starting materials in the 700 to 1100 °C range for a period up
to 120 h (∼5 days), in sharp contrast to almost 21 days needed
to homogenize 1.5 g sized batches in the present Raman
profiling experiments. Here it is important to emphasize that
the kinetics of melt homogenization at nonstoichiometric
composition is limited by the slowest diffusing40 intermediate
phase species, that is, the superstrong composition near x =
25% (Figure 10). Thus, the lack of reproducibility of the ES/CS
fraction for nonstoichiometric compositions, in our view,
derives from the makeup of samples, an issue that needs to
be seriously considered in future studies.
Malek et al.49 synthesized GexS100‑x glasses at x = 30%, 32%,

33% and 33.3% and examined Tg and fragility from viscosity
measurements. For a glass composition at x = 30%, they
observed a Tg = 362 °C, which may be compared to a Tg = 429
°C in the present work. The fragility index for such a sample
was reported at 30(2) compared to a value of 23(2), which we
observed from AC calorimetric measurements. A similar
pattern is observed at other compositions. The consistently
lower Tg and higher m obtained by Malek et al.49 compared to
the present data may be suggestive that the glass samples used
in the viscosity measurements were probably not as
homogeneous as the present ones. The suggestion is consistent
with the synthesis conditions employed by Malek et al.,49 who
reacted the starting materials at 900 °C for only 12 h. Under
those conditions of synthesis, a melt at x = 30% (Figure 1), our
Raman profiling data reveals a glass to be rather heterogeneous.
These conclusions are actually similar to those observed in Ge−
Se9 and As−Se55 melts. Fragilities of inhomogeneous melts are
found to be upshifted with respect to those of homogeneous
ones.
Molar volumes provide valuable information on network

packing of glasses and are deeply influenced by their
homogeneity.9,55,77 We have already noted that the trapezoidal
window in Vm centered in the 15% < x < 25% range observed
by us and separately by Takebe et al.30 are quite similar (Figure
10). However, reports from several other groups do not show
the same behavior; for example, Saffarini63 found a sharply
defined narrow minimum at x = 22% (15.86 cm3); on the other
hand, Zhilinskaya et al.78 observed just the opposite behavior, a
maximum in Vm(x) near x = 23% (16.9 cm3). These large
variations in Vm(x) of these nonstoichiometric compositions,
once again, are signatures of glass heterogeneity by virtue of
synthesis.77

In summary, perusal of the published data on Ge−S glasses
synthesized by reaction of the starting materials of several gram
batches at a suitable high temperature (700−950 °C) for
several tens of hours appear to be heterogeneous. The large
spread in physical properties such as Tg, fragility index, ES/CS
ratio, and Vm(x) from one group to the other far exceeding the
errors of measurement is a direct reflection of glass
heterogeneity. The slow homogenization of nonstoichiometric
chalcogenides melts/glasses is an impediment in developing
reliable structural models of these fascinating materials because
of nonreproducibility of the available data. It is crucial that
variance of molar volumes and calorimetric Tgs across batch
compositions be ascertained77 as a test of glass homogeneity
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before undertaking more exotic measurements to build
structural models of glasses.

5. CONCLUSIONS
Calorimetric, volumetric, and Raman scattering measurements
of specially homogenized GexS100−x melts/glasses show at low
x, 12% < x < 20%, to be in the flexible phase, and in the
19.3(5)% < x < 24.9(5)% range to self-organize and display an
intermediate phase (IP). At higher x, in the 24.9(5)% < x <
33.3(5)% range, networks become stressed-rigid. These
transitions are accurately fixed by Raman scattering in which
the CS and ES mode frequency displays a blue-shift with x and
kinks at the two elastic thresholds (rigidity, 19.3(5)%, and
stress, 24.9(5)%), and the underlying optical elasticity display
power laws in both the IP and the stressed-rigid phase. The
reversibility window from calorimetric measurements displays a
nearly square-well like behavior with window walls coinciding
with the rigidity and stress transitions. In the IP the scattering
strength of CS GeS4 mode become nearly independent of x
even though the Ge content continues to increase linearly, an
observation that constitute evidence of network adaptation.
Molar volumes in aged glasses reveal a volumetric window with
walls that coincide with the reversibility window. Complex Cp
measurements show fragility index, m(x), to show a global
minimum that correlates with the reversibility window, the
former characteristic of melts (T > Tg) while the latter of
glasses (T < Tg). The strong nature of melts in the IP leads to
slow kinetics of melt-homogenization. Elastic phases in the
present GexS100−x binary, in conjunction with the ones reported
earlier in AsxS100−x binary,

79 and in the GexAsxS100−2x ternary
80

has permitted establishing the global elastic phase diagram of
the Ge−As−S ternary (TOC). Appearance of the flexible,
isostatically rigid IP, and the stressed-rigid elastic phase in the
present sulfides as in other selenide glasses is strong validation
that onset of rigidity driven by network topology provides a
sound basis to understanding the compositional variation in
physical and chemical properties of network glasses.
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■ NOTE ADDED IN PROOF
The phase boundary of the IP in the present GexS100‑x binary
(Figure 5) as in corresponding selenides (refs 9, 13, 40), and
the Gex (As or P)xSe100‑2x ternaries (Qu, T., et al. Mater. Res.
Soc. Symp. Proc. 2003, 754, 111−122; Chakravarty, S., et al. J.
Phys. Condens. Matter 2005, 17, L1−L7) were each fixed by
establishing (i) the variation of the CS mode frequency, νcs(⟨r⟩)
in Raman scattering. Even though these measurements are
made at discrete glass compositions, one can uniquely establish
the stress and rigidity transitions at fractional compositions as
discussed here and elsewhere. (ii) Furthermore, optical elastic
power-laws are observed in IPs (p ∼ 1.0) and stressed-rigid (p
= 1 .4∼1.5) phases with universal values. (iii) IP networks
compact and usually display molar volume minima established
by measuring density using Archemedes’ principle. (iv) Finally,
a prerequisite to observing the topology driven elastic phases is
that bulk glasses must be homogeneous, as illustrated in the
present work, and in molar volume measurements highlighted
recently (Bhageria, R., et al.; DOl 10.1002/pssb.201350165).
None of these (i−iv) issues were apparently recognized in a
recent publication in the present journal by Wang, et al. (DOl
10.1021/jp412226w), which focused entirely on calorimetric
methods.
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